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a b s t r a c t

Macrosegregation and porosity formation are investigated by both a numerical model and transient
directional solidification experiments. The macrosegregation pattern, and the theoretical and apparent
densities are presented as a function of the casting length. X-ray fluorescence spectrometry was used
to determine the experimental macrosegregation profiles. The measurement of microporosity was per-
eywords:
etals and alloys

omposition fluctuations
hermal analysis
omputer simulations

formed by a pyknometry procedure. The local composition along an Al–6 wt%Cu–1 wt%Si casting length is
used as an input parameter for simulations of microporosity evolution. The results show that the addition
of 1 wt% silicon to the Al–Cu alloy composition increases significantly the volumetric fraction of pores
as compared with the corresponding porosity exhibited by an Al–6 wt%Cu alloy casting. It is also shown
that the use of a carbon steel chill mold induced an abnormal increase in the fraction of pores close to
the casting cooled surface which was caused by a higher Fe concentration provoked by the diffusive flux

of iron from the chill.

. Introduction

Microporosity formation during casting and solidification of alu-
inum alloys often causes severe problems in the manufacture of

uality products. The process parameters during transient solid-
fication affect the microstructural development of the alloy and
onsequently the final engineering performance of the casting. The
endrite arm spacings; segregation patterns; nature, size, distribu-
ion and morphology of precipitates as well as porosity, all affect
nal mechancial properties. Porosity has also a deleterious effect
n the machinability and surface properties of aluminum castings
1–4].

Porosity in aluminum castings is normally a result of two phe-
omena: insufficient feeding and/or hydrogen precipitation during
olidification. Because of its low solubility, the atomic hydrogen
ejected by the solid phase enriches continuously the melt around
he solid phase already formed. When the liquid reaches its criti-
al hydrogen concentration, molecular hydrogen bubbles begin to
orm, and depending on the local hydrogen content, partial pres-

ure and gas diffusivity, bubbles evolve either to grow or to dissolve
ack into the melt [5].

To prevent shrinkage from appearing as porosity, material
ovement, i.e., feeding, has to occur through the alloy mushy zone.

∗ Corresponding author. Tel.: +55 19 35213320; fax: +55 19 32893722.
E-mail address: amaurig@fem.unicamp.br (A. Garcia).
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oi:10.1016/j.jallcom.2010.04.244
© 2010 Elsevier B.V. All rights reserved.

Piwonka et al. have reported that porosity forms because of the
impossibility of the liquid to fill up the regions where the pores
are forming [6]. In alloys with large solidification ranges, depend-
ing on the local solid fraction, five distinct feeding mechanisms
may be envisaged: liquid feeding, mass feeding, interdendritic feed-
ing, burst feeding and solid feeding. A detailed description of these
mechanisms can be found in the literature [7–9]. Liquid metal feed-
ing occurs above the liquidus temperature when the liquid is free
to move to the point of metal shrinkage; mass feeding occurs when
solid crystals first form in the liquid. In mass feeding the dendritic
crystals are carried along with the liquid, as in the slurry. These den-
drites initially grows independently of each other, but impinge and
form an interconnected solid network at the dendritic coherency
point, usually between 10% and 50% solid [10]. After coherency the
material starts to develop strength and the resistance to material
movement increases drastically. Interdendritic feeding occurs after
the coherency point. Liquid travels through tortuous, narrow inter-
dendritic channels. In this context, is important to know the solid
fraction at the coherency point, as it determines just how difficult
it will be to feed porosity. The coherency point depends on grain
size [11], alloy composition, and cooling rate [12]. Burst feeding
occurs when the strength of the dendritic network is insufficient to

resist the increasing pressure induced by continuous solidification
shrinkage [7,8]. Solid feeding denotes the feeding of solid mate-
rial by deformation, i.e., the stress on the dendrites increase and
the network may collapse, giving rise to transport of solid frag-
ments and liquid. Alloy composition has a fundamental role on

http://www.sciencedirect.com/science/journal/09258388
http://www.elsevier.com/locate/jallcom
mailto:amaurig@fem.unicamp.br
dx.doi.org/10.1016/j.jallcom.2010.04.244
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he feedability during solidification. The narrowing interdendritic
uid paths may become blocked by inclusions or growing inter-
etallic particles in the melt stream. Iron, for instance, exists as
commom impurity element in aluminum alloys. For Al–Si alloys

he main microstructural consequence is the formation of Al5FeSi
ntermetallic particles, which affect porosity levels in such alloys.
innis et al. developed an experimental program to analyse the
ffect of iron concentrations on porosity levels of Al–Si–Cu foundry
lloys [13].

Studies on transient solidification of ternary alloys related to
icrostructural parameters, solidification modelling, solute segre-

ation and porosity formation are relatively scarce in the literature
14–17]. The main difficulty is related to the determination of
he ternary solidification path and the intermediate phases reac-
ions, which has to be coupled with the model. Macrosegregation
s critical in determining porosity along the casting length due
o the resultant impact upon the local density. Ferreira et al.
roposed a numerical scheme to simulate the transient solidifica-
ion of an Al–Cu–Si alloy for the analysis of inverse segregation,
onsidering the absence of intermediate phases and reactions
18]. In a recent study Ferreira et al. proposed a numerical
pproach taking into account secondary phases transformations,
hich permits the prediction of macrosegregation profiles dur-

ng the transient directional solidification of ternary alloys [19].
soukalas applied a genetic algorithm method to determine the
ptimum process parameters in real industry environmment lead-
ng to minimum porosity in Al–9.5 wt%Si–3 wt%Cu die castings
20].

In this paper, a model considering intermediate phases
nd reactions is used to simulate the macrosegregation pro-
le and microporosity formation along the length of a ternary
l–6 wt%Cu–1 wt%Si casting. The simulated segregation pattern is
hecked against experimentally measured values and is used for
heoretical calculations of local density as a function of the solute
ontent along the casting length. The local composition is used as an
nput parameter for simulations of microporosity evolution, which
s compared with the experimenal pores distribution. The effect
f a higher Fe concentration on regions close to the casting sur-
ace (which have been contamined by the steel chill mold) on local
orosity formation is also examined.

. Numerical model

.1. Macrosegregation

The numerical model approach used to simulate the macroseg-
egation profile during solidification is based on a model previously
roposed by Voller [15,16] and modified by Boeira et al. [21,22] to
eal with microporosity formation. For times t < 0, the molten alloy

s at the nominal concentration C0, and contained in the insulated
wo-dimensional mold defined by 0 < x < Xb and 0 < y < Yb.

In the development of the numerical solution (thermal and solu-
al coupled fields), the following assumptions were assumed:

(i) the region is two-dimensional, defined by 0 < x < Xb and
0 < y < Yb, where Yb is a point far removed from the segregation
region;

(ii) the segregation region does not remain free of porosity;
(iii) the solid phase is stationary, i.e., once formed has zero veloc-
ity;
(iv) due to the rapid nature of heat and liquid mass diffusion, the

liquid concentration Cl, the temperature T, the liquid density
�l and the liquid velocity ul are assumed to be constants in a
representative elemental volume [14];
Compounds 503 (2010) 31–39

(v) the partition coefficient k0 and the liquidus slope mL, may
either assumed to be constants or variables and read from
the ThermoCalc databases;

(vi) equilibrium conditions exist at the solid/liquid interface, i.e.,
at this interface we have:

T = f (CCu
L , CSi

L ) and C∗
S = k0CL (1)

where T is the equilibrium temperature, C is the concentra-
tion, and C∗

S is the interface solid concentration;
(vii) the specific heats, cS, cL, ceutS, ceutL, the thermal conductivi-

ties, kS, kL, keutS, keutL and the densities �S, �L, �eutS, �eutL, are
constants within each phase, but discontinuous between the
solid and liquid phases. Latent heats of phase formation, �H1,
�H2 and �Heut are taken as the difference between phase
enthalpies;

(viii) the metal/mold thermal resistance varies with time, and is
incorporated in a global heat-transfer coefficient defined as
hg.

The ThermoCalc software has been used to generate equilib-
rium phase diagrams. Through the ThermoCalc TCAPI interface for
Intel Visual Fortran, it is possible to recall and to record data from
ThermoCalc prior to any numerical simulation of multicomponent
alloys, a procedure that provides more accurate phase diagram
data. The pseudo-binary phase diagrams as a function of Cu, Si and
H concentrations and the phase diagram surfaces for the hypoeu-
tectic Al–Cu–Si system obtained by this routine are presented in
Figs. 1 and 2, respectively.

Considering the assumptions previously presented, the mixture
equations for multicomponent solidification are the following:

• Mass

∂�

∂t
+ ∇ · (�V ) = 0 (2)

• Momentum x

∂(�u)
∂t

+ ∇ · (�Vu)+∂P

∂x
=∇ ·

(
�L

�

�L
∇u

)
−�L

KX
(u − uS)+�gX (3)

• Momentum y

∂(�v)
∂t

+∇ · (�Vv)+∂P

∂y
=∇ ·

(
�L

�

�L
∇v

)
−�L

KY
(v − vS) + �gY (4)

gX and gY, depending on the number of species, can be written as

gX,Y = g0

∑
Cu,Si

[ˇi
S(Ci

l − Ci
l,0) + ˇi

T (T − T0)] (5)

and, in our current setup, gX = 0.
• Energy

∂

∂t
(�cPT) + ∇ · (�cPVT) = ∇ · (k∇T) − ∂

∂t
(�Hf �SgS) (6)

• Species

∂

∂t
(�CCu) + ∇ · (�VCCu) = ∇ · (�DCu∇CCu)

+∇ · [�DCu∇(CCu
l − CCu)] − ∇ · [�(V − V S)(CCu

l − CCu)] (7a)

∂

∂t
(�CSi) + ∇ · (�VCSi) = ∇ · (�DSi∇CSi) + ∇ · [�DSi∇(CSi

l − CSi)]

−∇ · [�(V − V )(CSi − CSi)] (7b)
S l

• Mixture density

� =
∫ 1−gl

0

�S d˛ + gl�l (8)
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Fig. 1. Al–Cu–Si–H system. Pseudo-binary phase

Mixture solute density

�C =
∫ 1−gl

0

�SCS d˛ + gl�lCl (9)

and the variables are defined as

V = glVl + gSVS (10)

g = gl + gS + gg (11)

f = fl + fS + fg (12)

k = kSgS + klgl + kggg (13)

� = �SgS + �lgl + �ggg (14)

fS = gS�S

�
, fl = gl�l

�
, fg = gg�g

�
(15)
cP = cPSfS + cPlfl + cPgfg (16)

DCu = DCu
S fS + DCu

l fl (17)

DSi = DSi
S fS + DSi

l fl (18)
m as a function of Cu (a), Si (b) and hydrogen (c).

where gl, gS and gg are the liquid, solid and gas volume fractions,
fl, fS and fg are the liquid, solid and gas mass fractions, u and v are
the volume averaged fluid velocities, Dl and DS are the liquid and
solid mass-diffusion coefficients, kl, kS and kg are the liquid, solid
and gas thermal conductivities, cPl, cPS and cPg are the liquid, solid
and gas heat capacities, and finally, �l, �S and �g are the liquid,
solid and gas densities.

A micro-scale model is invoked to extract nodal values of liq-
uid concentration Cl from each solute density field (�C)� , where
� = Cu, Si. The key variable in this calculation is the nodal liquid
fraction calculated in the previous step. A detailed discussion was
previously presented by Voller [15], in which the application of the
back diffusion model proposed by Wang and Beckermann [17] is
suggested.
The species local liquid concentrations are given by

[CCu
L ]

P
=

[�C]Cu
P − [�C]Cu,old

P + [�Lgold
P

+ ˇCu�S(1 − gold
P

)kCu
0 ][CCu

L
]
old

P

�Lgn+1
P

+ ˇCu�S(1 − gn+1
P

)kCu
0 + (1 − ˇCu)�SkCu

0 (gold
P

− gn+1
P

)
(19a)
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Fig. 2. Al–Cu–Si–H system. Phase diagram surfaces: liquidu

CSi
L ]

P
=

[�C]Si
P − [�C]Si,old

P + [�Lgold
P

+ ˇSi�S(1 − gold
P

)kSi
0 ][CSi

L
]
old

P

�Lgn+1
P

+ ˇSi�S(1 − gn+1
P

)kSi
0 + (1 − ˇj)�SkSi

0 (gold
P

− gn+1
P

)
(19b)

.2. Microporosity formation

The present porosity model is based on a previous formula-
ion by Kuznetsov and Xiong [23], where the porosity formation
as been separated in two distinct stages: nucleation and growth.
hey adopted as the nucleation condition, the moment in which
he mean hydrogen contents in the liquid and in the solid phases
CH

L+S) are less than that of the initial hydrogen concentration in
he molten alloy (CH

0 ). The condition of pore nucleation can be
xpressed as

H
L+S < CH

0 (20)
hough the initial hydrogen concentration in the melt can be con-
idered to be constant for certain experimental conditions, the
ydrogen concentration in the liquid and in the solid phases can
ary according to the thermal evolution of the system. This can be
ce (a), eutectic surface (b) and silicon solubility surface (c).

quantified as

CH
L+S = �S · (1 − g) · CH

S + �L · g · CH
L

�S · (1 − g) + �L · g
(21)

where �S, �Land g are the density of the solid phase, the density
of the liquid phase and the volumetric liquid fraction, respectively.
The hydrogen concentration in the liquid, CH

L , and in the solid, CH
S ,

can be related through the equilibrium partition ratio, kH of the
H–Al–Cu–Si phase diagram shown in Fig. 1c. The equilibrium par-
tition ratio of hydrogen for the Al–H system is 0.069 [24,25]. The
mass concentration dissolved in the liquid phase, CH

L , can be cal-
culated by the equilibrium constant, Keq, of the diatomic gaseous
reaction. By considering that the solubility of the diatomic gas in a
pure liquid metal obey the Sievert law, we have

Keq = CH
L√

PH2(g)

(22)
and the equilibrium constant is defined in terms of the hydrogen
solubility as

Keq = K0 · S (23)
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here K0 is equal to 2.822 × 10−7 [23] and the solubility of hydro-
en can be obtained through the application of Van’t Hoff equation
24], whose parameters A and B are functions of the local mass
oncentration of solute and are those used by Boeira et al. [21,22].

Once the barrier imposed by the nucleation condition, given by
q. (20), is overcome the growth of pores in the mushy zone occurs.
t can be quantified by a mass balance analogous to that given by Eq.
21), nevertheless, it takes into account the gas volumetric fraction
n the system. For cases where no macrosegregation of hydrogen is
onsidered, we have,

�S · gS · CH
S + �L · gL · CH

L + �G · gG · CH
G

�S · gS + �L · gL + �G · gG
= CH

0 (24)

onsequently, mass, volumetric fractions and the thermophysical
roperties of the alloy consider the gas fraction according to Eqs.
11)–(14) and (16). The density of the gas can be obtained from the
deal gas equation of state or by a more accurate equation of state
imilar to that proposed by Peng–Robinson [26].

The pressure of the gas phase results from the association
etween the local pressure (metalostatic + dynamic pressure) in
he mushy zone and an additional pressure imposed by the surface
ension:

G = P + 2 · �LG

r
(25)
LG is the surface tension between the gas and the liquid phase,
hich according to Poirier et al. [24] can be calculated as a function

f copper concentration in the liquid by

LG = 0.868 + 0.721 × 10−3 · CL + 1.29 × 10−5C2
L (26)

able 1
hermophysical properties of the Al–6 wt%Cu–1 wt%Si alloy used in the numerical simula

Properties Units

Liquidus temperature, TL
◦C

Initial eutectic temperature, TEI
◦C

Final eutectic temperature, TEE
◦C

Silicon transformation temperature, TSi
◦C

Fusion temperature, TF
◦C

Thermal conductivity (solid), kS W m−1 K
Thermal conductivity (liquid), kL W m−1 K
Thermal conductivity (gas), kL W m−1 K
Density (solid), �S kg m−3

Density (liquid), �L kg m−3

Specific heat (solid), cPS J kg−1 K−

Specific heat (liquid), cPL J kg−1 K−

Specific heat (gas), cPg J kg−1 K−

Latent heat of fusion, �H1 at 638 ≤ T < 530.25 ◦C J kg−1

Latent heat of fusion, �H2 at 530.25 ≤ T < 527.54 ◦C J kg−1

Latent heat of fusion, �Heut at T = 527.55 ◦C J kg−1

Liquidus slope, mCu
L

◦C (wt%)
Liquidus slope, mSi

L
◦C (wt%)

Copper partition coefficient, kCu
0 –

Silicon partition coefficient, kSi
0 –

Equilibrium partition coefficient H–Al–Cu–Si, kH

Dynamic viscosity of the liquid, �L kg m−1 s
Thermal expansion coefficient, ˇT K−1

Solutal expansion coefficient, ˇC (wt%)−1

Liquid mass-diffusion coefficient of Cu, DL m2 s−1

Solid mass-diffusion coefficient of Cu, DS m2 s−1

Liquid mass-diffusion coefficient of Si, DL m2 s−1

Solid mass-diffusion coefficient of Si, DS m2 s−1

Permeability constant, K0 m2

Global heat-transfer coefficient W m−2 K
Water temperature ◦C
Nominal concentration of hydrogen, CH

0 wt%
Molar mass of the gas kg kmol−

Pore nucleation radius, r0 �m
Maximum pore radius, rmax. �m
External pressure, Pext Pa
Universal gas constant Pa m3 km
Compounds 503 (2010) 31–39 35

It is assumed that the pore continues to grow after its nucleation
until the solidification is complete. The following linear correlation
between the radius of the pore and the volume fraction of the liquid
phase is established

r = r0 + (rmax. − r0)
g0

L − gL

g0
L

(27)

where r0, rmax. and g0
L are, the pore nucleation radius, the maximum

radius that the pore reaches when local solidification is complete
and the volume fraction of the liquid phase when the gas pore first
appears, respectively.

To model the formation and evolution of porosity, it was
assumed absence of hydrogen macrosegregation. In this way, the
hydrogen initially dissolved in the melt is redistributed into the liq-
uid phase and it can be dissolved in the melt until the solidification
is complete, or it can combine itself to form molecular hydrogen. It
may form gas bubbles in the melt which can grow until the end of
solidification.

3. Experimental procedure

The casting assembly used in the directional solidification experiments has
been detailed in previous articles [27,28]. The experimental setup consists of a
water-cooled mold with heat being extracted from the bottom, promoting a vertical
upward directional solidification. The stainless steel mold had an internal diame-
ter of 50 mm, a height of 110 mm and a wall thickness of 3 mm. Experiments were
performed with an Al–6 wt%Cu–1 wt%Si alloy, under thermally and solutally stable

solidification conditions. The thermophysical properties of this alloy are based on
values reported previously for thermal conductivities [18] and on the ThermoCalc
software databases for heats of transformation, partition coefficients, specific heats
and diffusion coefficients. These data are summarized in Table 1. Continuous tem-
perature measurements in the casting were monitored during solidification via the
output of a bank of fine type K thermocouples sheathed in 1.6 mm OD stainless

tion.

Al–6 wt%Cu–1 wt%Si

638
530.2
527.6
513.2
660

−1 180
−1 87.9
−1 f(T)

2713.4
2529.5

1 1063
1 1125
1 f(T)

289,600
15,800
57,200

−1 3.437
−1 7.091

0.1028
0.1120
0.049

−1 3 × 10−3

−4.95 × 10−5

−0.72
3.0 × 10−9

3.0 × 10−13

1.0 × 10−9

7.0 × 10−12

6.67 × 10−11

−1 14,000t−0.08

20
0.63 × 10−5

1

10
70
101,324

ol−1 K−1 8314
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Fig. 4. (a) Comparison of hg profiles for an Al–6.2 wt%Cu alloy and an
6 I.L. Ferreira et al. / Journal of Allo

teel tubes, and positioned at 5, 10, 15, 30, 50 and 70 mm from the heat-extracting
urface at the bottom of the crucible. All thermocouples were connected by coax-
al cables to a data logger interfaced with a computer and the temperature data

ere acquired automatically. The casting was sectioned in the longitudinal direc-
ion and the macrostructure was examined. Next, the sample pieces were sectioned
nto transverse slices and a square central part was cut by the use of a precision
aw (Buehler Isomet 4000 with a 0.3 mm thick diamond disk) into pieces of approx-
mately 1.0 mm. Subsequently, the segregation samples were investigated by using
Rigaku Rix 3100 X-ray fluorescence spectrometer to estimate its average concen-

ration through an area of 100 mm2 probe (probe effective area or the so-called
mask radiated area”). The same sample is rearranged in the mask in order to per-
it a total of 10 readings of composition at different positions to be obtained. The

nal results are presented as average local concentrations with the corresponding
tandard deviation represented by error bars.

The determination of the quantity of pores was based on the pyknometry proce-
ure proposed by McClain et al. [29]. Six different measurements were undertaken
or each position along the casting length, with average values and the correspond-
ng standard deviations representing the experimental volumetric fraction of pores.
yknometry techniques are less time consuming than image analysis techniques
nd are much less affected by the randomness of the porosity location in the sam-
le [30]. Firstly, the ASMT B 311-93 (Reapproved, 2002) standard was applied in
rder to determine the apparent density of all the samples as a function of distance
rom the chill. Secondly, the fraction of pores as a function of the theoretical (�th) and
pparent (�ap) densities was determined. The last step was to provide the theoretical
ocal density for each sample position, based on the experimental macrosegregation
rofile, by using the following equation:

Pores = �th − �ap

�th
(28)

his equation depends not only on the local solute concentration but also on the
umber of phases involved, their composition and their respective fractions. The
hases involved and their volumetric fractions for certain level of local concentration
position dependent) are provided by ThermoCalc® (TCAPI5 interface) using Scheil’s

odel. This procedure is necessary in order to avoid a negative volumetric fraction
f pores as previously reported in the literature [31].

. Results and discussion
Fig. 3a shows the resulting macrostructure of an
l–6 wt%Cu–1 wt%Si alloy casting after upward directional
olidification in the vertical water-cooled mold. Fig. 3b exhibits the
orresponding experimental solute distribution along the casting

ig. 3. (a) Casting macrostructure and (b) corresponding experimental composition
istribution along the casting length.
Al–6 wt%Cu–1 wt%Si alloy. (b) Detail of experimental and simulated Cu and Si pro-
files corresponding to positions close to the casting surface highlighting the Cu
inverse segregation.

length. It is important to remark that a solute profile corresponding
to the Fe distribution along the casting has also been included
in Fig. 3b. The commercially pure grade aluminum used in this
work to prepare the ternary Al–Cu–Si alloy contains approxi-
mately 0.08 wt%Fe. This Fe nominal concentration is constant
along the casting length except for regions close to the casting
cooled surface, where a considerably increase in Fe was noticed
(1.02 ± 0.26 wt%Fe), as shown in Fig. 3b. This increase in Fe content
was provoked by a diffusive flux of iron from a SAE 1020 steel
sheet which physically separates the metal from the cooling fluid
in the solidification apparatus. This higher Fe concentration at the
regions close to the casting surface will affect the solidification
path and the porosity formation, and will be discussed later in this
section.

Fig. 4a shows the time dependence of the overall metal/coolant
heat-transfer coefficient, hg, as a function of time, for the ternary
alloy examined in the present study (hg = 14,000t−0.08 W m−2 K−1)
and for an Al–6.2 wt%Cu (hg = 11200t−0.022 W m−2 K−1) which was
solidified in a previous investigation under similar conditions in the
same solidification apparatus [22]. It can be seen that the incor-
poration of 1%Si with respect to the binary Al–6.2 wt%Cu alloy
composition has permitted a significantly higher hg profile to be
obtained, mainly at the beginning of solidification of the Al–Cu–Si
alloy. Higher heat-transfer coefficient tends to decrease the severity
of inverse segregation in binary Al–Cu alloys [22]. The macroseg-
regation profile for the Al–6 wt%Cu–1 wt%Si alloy casting [19] is
shown in Fig. 4b where experimental measurements are compared
with numerical results. A comparison between the inverse Cu pro-

file shown in Fig. 4b with that obtained in the previous study
with the Al–6.2 wt%Cu [22], i.e., alloys with similar Cu concentra-
tions, permits to demonstrate that the higher initial hg values of
the ternary alloy associated with differences in the solidification
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ath have induced higher Cu concentrations at the ternary alloy
asting surface. It can also be seen in Fig. 4b that the model com-
utes the inverse (Cu) solute concentration profile, and a very good
greement with experiment is observed. No macrosegregation is
bserved with respect the silicon distribution along the length of
he directionally solidified casting, except for a single point of posi-
ive segregation, probably associated with both the formation of the

ushy zone length and the backward flow induced by solidification
ontraction.

Once the alloy composition is specified, the only means remain-
ng to exert control on microstructural parameters is in modifying
he thermal variables during solidification (solidification velocity,
ooling rate and thermal gradient). The direction of solidifica-
ion with respect to the gravity vector has also to be considered
ecause gravity driven segregation can also be produced [32]. These
olidification thermal variables affect significantly the formation of
endrite spacings during freezing, which strongly affect the devel-
pment of porosity. Hence, accurate porosity data obtained during
ransient directional solidification are fundamental to understand
he coupling phenomena among the solidification thermal vari-
bles, microstructure features and porosity formation. Fig. 5 shows
ypical transverse microstructures obtained during the directional
olidification of an Al–6 wt%Cu–1 wt%Si alloy, for different cooling
ates. It can be seen that the primary dendritic spacing increases as
he cooling rate decreases, i.e., from the bottom to the top of the
nidirectionally solidified casting. The primary dendritic spacing
volution with the cooling rate is shown in Fig. 6 compared with
he corresponding values for binary hypoeutectic Al–Cu alloys [33].

The use of anisotropic permeability channels have proved to
rovide more accurate simulated results for pores evolution along
he casting length of binary Al–Cu alloys [22]. The simulations
erformed in the present study are based on permeability coeffi-
ients which are function of the primary dendritic arm spacing. The
xperimental dendrite growth laws shown in Fig. 6 were used to
etermine the permeability coefficients. Fig. 7 shows the evolution
f the theoretical density (based on the macrosegregation profile of
ig. 4b and on the corresponding apparent densities). The resulting
imulations of pore volumetric fractions along the casting length
ompared with the corresponding experimental results are shown
n Fig. 8. It can be seen that for both alloys the numerically simu-
ated trend is in good conformity with the experimental scatter. The
olumetric fractions of pores depict linear ascending trends from
he bottom to the top of the casting for both alloys. However, the
atasets for the Al–6%Cu–1%Si and Al–6.2%Cu alloys show points of

nflection. These oscillations observed in the porosity experimental
ata can probably be associated with the occurrence of burst feed-

ng, i.e., the strength of the mushy zone is exceeded by the stresses
aused by continued solidification shrinkage. The numerical simu-
ation determines porosity to be a linear function of position along
he casting length because the numerical model does not take into
ccount the effect of burst feeding.

The results of Fig. 8 show that the addition of 1 wt%Si to the
omposition of an Al–6 wt%Cu alloy increases significantly the vol-
me of pores. It can also be seen an abnormal volumetric fraction
f pores close to the ternary alloy casting surface, which is caused
y the corresponding higher Fe concentration shown in Fig. 3b.

Iron and silicon alone do not seem to have any special con-
ribution to porosity. However, they form intermetallics whose

orphology affects feeding [13]. It has been reported in the lit-
rature that porosity increases with iron content because Al5FeSi
latelets (� phase) block the interdendritic channels, impeding

eeding and leading to micro-shrinkage porosity [34,35]. The nom-
nal content of iron (0.08 wt%Fe) in the ternary alloy used in the
resent study would form only small amounts of Al7Cu2Fe phase
long the ingot length during transient solidification. Then, for a
rst sample situated close to the cooled surface (<7 mm) having
Fig. 5. Typical transverse microstructures of the directionally solidified casting. P is
the position from the casting cooled surface and Ṫ is the cooling rate.

about 1 wt%Fe, according to Fig. 9a, we have the following solidifi-
cation sequence:

(i) primary aluminum dendrites (FCC A1) up to fS = 0.36, followed
by the Al3Fe compound which is formed until fS = 0.53 is
reached;

(ii) after this, Al5FeSi � is formed until fS = 71.4;
(iii) from fS = 71.4 to 81.5, Al7Cu2Fe is formed;
(iv) between fS = 81.5 and fS = 83.4, the Si phase precipitates;
(v) finally, from fS = 83.4 to fS = 1, the ternary eutectic reactions

take place.
For positions farther than 7 mm from the casting surface (as ref-
erence, a sample positioned at 16 mm from the cooled surface has
been considered), the solidification sequence, shown in Fig. 9b can
be summarized as follows:
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F

(
(

F
c

levels in hypoeutectic Al–Si foundry alloys is complex due a rela-
tion between copper and iron content. They concluded that the
ig. 6. Experimental evolution of primary dendritic arm spacing with cooling rate.

(i) primary aluminum dendrites (FCC A1) solidify until the solid
fraction reaches fS = 0.795;

(ii) from fS = 0.795 to 0.836, Al7Cu2Fe is formed;
iii) between fS = 83.6 and fS = 84.2, the Si phase precipitates;

iv) finally, from fS = 84.2 to fS = 1, the ternary eutectic phase is

formed.

ig. 7. (a) Theoretical density calculated as a function of local experimental chemical
omposition and (b) apparent density experimentally determined.
Fig. 8. Comparison between results for a binary Al–6.2 wt%Cu alloy [22] and a
ternary Al–6 wt%Cu–1 wt%Si alloy: numerically calculated and experimental micro-
porosity scatter.

Dinnis et al. [13] stated that the effect of iron on porosity
existing theories were incomplete and inadequate to explain iron
addition-porosity formation. They demonstrated that increasing

Fig. 9. Solidification path (ThermoCalc TTAL5): (a) for regions close to the casting
cooled surface and (b) for positions > 7 mm from the casting cooled surface.



ys and

i
r
i
c
t

5

t
n
c
fi
m
i
a
e
c
t
a
t
a
i
f
t
s
t
p
w
c
w
I
t
c
s

A

F

[
[
[
[
[

[
[

[
[
[

[
[
[
[
[
[
[
[

[
[
[
[

I.L. Ferreira et al. / Journal of Allo

ron concentrations have been shown to increase porosity in a wide
ange of Al–Si–Mg–Cu alloys. However, the effect of iron on poros-
ty changes as the silicon and copper concentrations of the alloys
hange. Increasing iron concentrations also lead to a refinement in
he size of the regions of Al2Cu.

. Conclusions

The macrosegregation evolution and microporosity forma-
ion in a ternary Al–6 wt%Cu–1 wt%Si alloy were evaluated by a
umerical modelling approach, considering secondary phases, local
omposition, and consequently local density. Unidirectional solidi-
cation experiments were carried out under conditions of transient
etal/mold heat-transfer coefficient (hg) in order to provide exper-

mental results to validate the model predictions. A very good
greement has been observed between theoretical predictions and
xperimental results. Macrosegregation is absent for the silicon
ontent, along the length of the casting, but a comparison between
he present experimental inverse Cu profile and that obtained in
previous study with an Al–Cu alloy with similar Cu concentra-

ion, demonstrated that the higher initial hg values of the ternary
lloy associated with differences in the solidification path, have
nduced higher Cu concentrations at the ternary alloy casting sur-
ace. The volumetric fractions of pores depict an ascending linear
rend from the bottom to the top of the casting. The numerically
imulated trend is in good conformity with the experimental scat-
er, except for points of inflection which were observed in the
orosity experimental data and that can probably be associated
ith the occurrence of burst feeding, not considered by the numeri-

al model. A significant increase in the fraction of pores was noticed
hen 1 wt%Si was added to the composition of an Al–6 wt%Cu alloy.

t was shown that a higher Fe concentration at the regions close to
he casting surface caused by a diffusive flux of iron from the steel
hill mold increased remarkably the volume of pores at the casting
urface.
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